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ABSTRACT: We have examined the response of a polymer and a polymer nanocomposite glass to creep and
constant strain rate deformations using Monte Carlo and molecular dynamics simulations. We find that nanoparticles
stiffen the polymer glass, as evidenced by an increase in the initial slope of the stress-strain curve and a suppression
of the creep response. In contrast to previous reports, we also find that, during deformation, the effective relaxation
time or mobility of the material is only qualitatively characterized by the instantaneous strain rate. Constant
strain rate and constant stress deformations have different effects on the material’s position on its energy landscape,
and neither a mechanical variable, such as the stress or strain rate, nor a thermodynamic variable, such as the
material’s position on its energy lanscape, is uniquely indicative of the relaxation times in the material.

1. Introduction

Nanoparticle reinforced polymeric materials, or nanocom-
posites, have received a considerable amount of attention1-8 in
recent years. A wide array of properties can be altered through
the addition of nanoparticles. Some authors have reported
increases1,8 or decreases2 the plateau modulus, depending on
the interactions between the nanoparticles and the polymer
matrix. Nanoparticles have also been reported to toughen the
polymer.7 However, because of the difficulties associated with
dispersing nanoparticles in a polymer matrix, experimental
results have been difficult to interpret.

Applications of polymer nanocomposites, for example in the
automotive and aviation industries, often require these materials
to exist in a glassy state. Furthermore, the glassy composite is
generally subjected to applied stresses and repeated cycles of
deformation. It is therefore of interest to understand at a
fundamental level how such materials respond to the effects of
deformation. Recent experimental,9,10 theoretical,11 and com-
putational studies12,13 have shown that plastic deformation can
lead to significant changes in the segmental dynamics of polymer
glasses. For example, during a creep experiment on lightly cross-
linked poly(methyl methacrylate) (PMMA), Lee et al. found
that the relaxation time can be up to 1000 smaller than in the
undeformed sample.

Several simulation studies have examined the effects of
deformation on the dynamics of both small-molecule
glasses14-20 and low molecular weight polymers.21-24 Some
key results obtained from molecular simulations of low molec-
ular weight materials include a demonstration of shear-induced
melting of the binary Lennard-Jones glass18 and direct observa-
tion that deformation can reduce the energy barriers that separate
inherent structures on the potential energy landscape (PEL).14,15

In previous work, we have employed molecular simulations
of a polymer glass and demonstrated that nonequilibrium
molecular dynamics simulations of a polymer glass undergoing
creep can capture the effects of deformation observed in

experiments: the segmental relaxation times are enhanced by
over 2 orders of magnitude, depending on the value of the
applied stress, the relaxation times are not constant during a
creep deformation, and the dynamics are strongly correlated with
the instantaneous strain rate experienced by the material.12 By
applying both tensile and compressive deformations, it was
shown that changes in the free volume cannot explain the
observed changes in dynamic properties. A more promising
approach appears to be the PEL view of glassy dynamics,13 an
idea that is further explored in this article.

The property changes experienced by amorphous polymeric
glasses under deformation remain poorly understood. In the
absence of detailed molecular-level observations of mobility
during deformation, the framework for analysis of deformation-
induced mobility has remained that presented by Eyring in
1936.25 In Eyring’s model, a deformation lowers the energy
barriers that inhibit mobility in the material. While capable of
describing the effects of constant stress deformations on changes
in the relaxation time, several aspects of the Eyring model have
been challenged by recent experimental observations and results
from simulations. The Eyring model postulates that an applied
stress should only affect dynamics in the direction of the applied
stress; our recent work has demonstrated that the dynamics are
uniformly enhanced in all directions.13 The Eyring model does
not consider relaxation during postyield flow and strain harden-
ing, and not surprisingly, it fails to describe the dynamics during
those regimes.26 More recent work by Chen and Schweizer11,27

postulates that the stress behaves as an isotropic work term that
reduces the energy barriers for relaxation in all directions, an
idea that is in good agreement with earlier simulations.13

An additional challenge associated with deformation-induced
mobility pertains to our limited of understanding of the origins
of strain hardening. Recent simulations and experiments have
provided significant new insights into strain hardening. Hoy and
Robbins28-30 have shown that entropic network theories are
unable to capture many of the trends associated with strain
hardening, including the temperature and strain rate dependence.
They have also broken the stress into entropic and energetic
components to show that strain hardening is primarily due to a
sharp increase in the energetic contribution to the stress tensor,
which arises as chains are pulled tight between entanglements;
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the entropic contribution to the stress appears to be much too
small to explain strain hardening.30 Recent work of Chen and
Schweizer in which strain hardening is attributed to changes in
the dynamics associated with anisotropic chain conformations
appears to capture many of the features associated with strain
hardening in simulations and experiments.27

In recent work we have resorted to a combination of
experiments and simulations to establish that the molecular
models considered in our computational work provide a faithful
description of molecular mobility in polymeric glasses undergo-
ing deformation.13,26,31 Armed with that model, we extend our
previous studies in two key ways. First, we provide a detailed
comparison of constant strain rate and constant stress deforma-
tions, including the effects of each mode of deformation on the
changes in the materials’ position on its energy landscape.
Second, in this work we examine how the addition of nano-
particles influences the relaxation of a nanocomposite under
creep and under constant strain rate deformation. Experimental
molecular mobility data are not available for such systems, and
we therefore must rely purely on the results of simulations to
provide the insights required to build a theory of composites
under deformation that goes beyond the ideas originally
proposed by Eyring. Our simulations aim to establish the
behavior of a standard reference model to which subsequent
results can be compared. With that goal in mind, the particles
are fully dispersed in the material and their interactions with
the polymer are relatively weak. Our simulations suggest that
the pure polymer and the nanocomposite exhibit qualitatively
similar deformation behaviors. The nanoparticles stiffen the
polymer, and a higher stress is required during creep to achieve
the same amount of deformation. The dynamics in both systems
are up to 1000 times faster during deformation than at rest. A
comparison of the results from creep (constant stress) and
constant strain rate deformations and their relation to their
respective PELs reveal qualitative differences in the dynamical
behavior under these two deformation mechanisms. Finally, we
briefly discuss the effects of deformation on the dynamic
heterogeneity.

2. Methods

2.1. Molecular Model and Sample Preparation. The polymer
model considered in this work has been described in detail in other
studies;5,32,33 here we recount the main details for completeness.
The polymer chains are modeled as 500 Lennard-Jones (LJ)
interaction sites connected by stiff harmonic bonds. The nanopar-
ticles employed in this study were modeled as spherical shells of
LJ interaction sites; one LJ site is placed at the center of each
nanoparticle, and 49 other LJ sites are connected to this central
site with very stiff harmonic bonds with an equilibrium bond length
of 2.0σPP, where σPP is the LJ σ parameter associated with the
polymer monomers. This yields nanoparticles with a surface shell
of LJ sites connected to the central LJ site; the interactions between
the sites of the nanoparticles and the sites of the polymer monomers
are neutral. That is, σPP ) σPN ) 1.0 and εPP ) εPN ) 1.0, where
σPN is the LJ σ value associated with the interactions between the
polymer monomers and the nanoparticle interaction sites and εPP

and εPN are the LJ ε parameters for the polymer-polymer
interactions and the polymer-nanoparticle interactions. In order
to ensure that the nanoparticles remain dispersed throughout our
system during the simulation, εNN ) 0.5. The units for all quantities
reported in this work are normalized by the LJ parameters of the
polymer monomers; e.g., T ) kBT*/εPP and P ) P*σPP

3/εPP, tLJ )
t*(mPPσPP

3/εPP)1/2, where mPP is the mass of a polymer monomer
(taken as unity) and the asterisk implies laboratory units.

The relaxation times in entangled polymers span several decades
in time, and the longest relaxation times are inaccessible to MD
simulations. Thus, great care must be exercised to ensure proper
equilibration of our materials. We employ repeated cycles of Monte
Carlo (MC) and molecular dynamics (MD) simulations at high

temperatures to both equilibrate and generate independent configu-
rations of both systems. The MC component of the equilibration
procedure employs connectivity-altering algorithms, such as con-
figurational-bias double bridging,34,35 which have been shown to
lead to a decay of the end-to-end autocorrelation function for
polymer chains as long as those employed in this study. The high
temperature (T ) 2.0) MD component of the equilibration procedure
is effective for equilibrating the distribution of particles in our
polymer matrix. After generating three independent, equilibrated
configurations for both the pure polymer and the nanocomposite,
each configuration was cooled from T ) 0.8 to T ) 0.35 at a rate
of 10-4 in the NPT ensemble, with P ) 0.3. The glass transition
temperatures for each system are Tg ) 0.406 ( 0.001 and 0.412 (
0.001 for the pure polymer and nanocomposite, respectively. After
cooling to T ) 0.35, each sample was aged for t ) 10000tLJ prior
to deformation. All of the equilibration routines were performed
using an in-house code, while the production deformation calcula-
tions were performed using the LAMMPS simulation package.36

All results below are averaged over three independent configura-
tions, and error bars represent the standard error of the results among
the three configurations.

2.2. Deformation Protocols. Results from both constant stress
(creep) and constant strain rate deformations are presented below.
For the constant stress deformations, we applied tensile stresses in
the xx-direction while maintaining a constant pressure in the yy-
and zz-directions. Five values of stress were applied to each system;
for the pure polymer, stresses of 0.50, 0.55, 0.59, 0.62, and 0.65
were employed, and for the nanocomposite stresses of 0.59, 0.62,
0.65, 0.69, and 0.73 were employed. The values of 0.59, 0.62, and
0.65 are common to both systems, enabling a comparison at a
constant stress; the remaining values were chosen to elicit a similar
range of strain responses. We adopt the convention where a positive
stress indicates a tensile deformation. We have also performed both
tensile and compressive deformations at constant (true) strain rate,
where the x-direction of the simulation box was deformed at a
constant rate while maintaining a constant pressure in the y- and
z-directions. The strain rates employed were ε ) 10-3, 10-4, -10-3,
and -10-4.

2.3. Dynamic Properties. We measure the dynamics of each
system during deformation by measuring the bond autocorrelation
function Cb(t) during various time windows of the deformations,
where Cb(t) ) 〈P2[b̂(t) · b̂(0)]〉 , P2 is the second Legendre polyno-
mial, and b̂(t) is a unit vector aligned along bonds of the polymer
backbone. The brackets indicate an average over all of the polymer
bonds in the system. This function has proven useful in past studies
to quantify segmental dynamics,12,13,37 and relaxation times
obtained from Cb(t) in the supercooled state above Tg have been
shown to reflect the R-relaxation time.38

In order to quantify the changes in dynamics, we fit Cb(t) to a
Kohlrausch-Williams-Watts (KWW) stretched exponential

Cb(t) ) C0e
-(t/τ)�

(1)

where C0 is a pre-exponential factor, and τ and � are fitting
parameters. We then obtain the effective relaxation times, τeff, as
τeff ) τΓ(1/�)/�, where Γ(x) is the Gamma function. Although the
trends observed in τeff below are consistent with trends observed
in the R-relaxation time predicted by various theories11,25 and
experiments,10 we wish to emphasize that we do not consider τeff

to be a direct estimate of the R-relaxation time because we are
unable to measure the complete decay of Cb(t). We interpret τeff as
a relative change in the segmental dynamics during our deformation
simulations. Additionally, we have estimated τeff for undeformed
samples by performing long MD calculations with no deformation;
the calculation of τeff for undeformed samples began after the initial
aging period. Unless otherwise stated, all measures of Cb(t) were
taken in time windows with a total length t ) 2000tLJ; we have
repeated our calculations for both longer and shorter time window
sizes, and none of the results below change qualitatively with other
time window sizes.
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2.4. Inherent Structure Energy. We characterized our materials’
inherent structure energy by sampling configurations every t ) 25tLJ

and minimizing their potential energy. The minimization algorithm
was stopped when the changes in the potential energy were smaller
than 10-6 or the magnitude of the force vector was smaller than
10-8. The potential energy of the system at this minimum was taken
as the inherent structure energy, denoted by UIS. To compare UIS

to estimates of τeff measured in time windows, we then averaged
over all of the values of UIS calculated in each time window
corresponding to the value of τeff.

3. Results

3.1. Constant Stress. We begin by presenting the results of
the creep deformation of both the pure polymer and the
nanocomposite. Five values of stress were applied to both
systems, and the strain response is plotted in Figure 1; after
application of the tensile stress, there is a rapid elastic response
followed by yield where the strain rate begins to increase for
both materials (pure and composite). Once the strain reaches ε
≈ 0.20, the strain rate begins to decrease as strain hardening
regime is entered. The nanoparticles stiffen the polymer and
suppress the creep response significantly for a given applied
stress (e.g., σ ) 0.62). We note that the strain response for the
pure polymer differs from that observed in our previous work
with a low molecular weight polymer,13 which indicated much
larger deformations for comparable stresses at a slightly higher
temperature. This is expected, given that the polymer in this
study has a different thermal history and a significantly higher
molecular weight, and in this study our materials are subject to
a higher pressure.

Figure 2 shows typical Cb(t) curves measured at various points
during our deformation simulations for the pure polymer at σ
) 0.59 as well as Cb(t) for the undeformed polymer. The
dynamics of the polymer under stress are significantly faster

than the dynamics of the undeformed sample, as indicated by a
faster decay of Cb(t). Additionally, the Cb(t) curve measured
during 2000 e t e 4000 indicates faster dynamics than the Cb(t)
curves for t e 2000 and t g 6000. In Figure 1 we see that the
strain rate is the highest for the pure polymer when 2000 e t e
4000.

Figure 3 shows how τeff changes with time during the creep
deformations. Consistent with experiments10,26 and our previous
results,13 the dynamics are not constant for a given applied
stress, and τeff appears to be the smallest during periods of high
strain rate. For both the pure polymer and the nanocomposite,
changes in τeff larger than 2 orders of magnitude are observed.
At a constant stress (e.g., σ ) 0.62), the dynamics are
significantly faster in the pure polymer than in the nanocom-
posite.

Figure 4 plots the inherent structure energy, UIS, against time
during our creep deformations for both systems. The behavior
in the two systems is qualitatively similar: UIS is not constant

Figure 1. Strain response of the pure polymer and the nanocomposite
systems to five different applied stresses. Note that three of the applied
stresses (σ ) 0.59, 0.62, and 0.65) were applied to both systems. The
two remaining stresses applied to each system were chosen such that
a similar range of strain response was observed for both the pure
polymer and the nanocomposite.

Figure 2. Examples of the bond autocorrelation function, Cb(t),
calculated during three different time windows for the pure polymer
under a stress of σ ) 0.59. The strain response of the pure polymer at
this stress is shown in Figure 1, and the dotted line corresponds to
Cb(t) for an undeformed sample.

Figure 3. Effective relaxation time, τeff, as a function of time during
creep deformations for the pure polymer and the nanocomposite for
each of the five applied stresses. In both cases, the dashed horizontal
line corresponds to the estimate of τeff for an undeformed sample.
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with time and tends to be highest during periods of high strain
rate.

3.2. Constant Strain Rate. Figure 5 shows the stress-strain
curves obtained for both the pure polymer and the nanocom-
posite for both tension and compression at two different strain
rates. All curves exhibit similar features: there is an initial elastic
response followed by yield and strain softening when the strain
ε ≈ 0.05. Finally, for strains beyond ε ≈ 0.10 the stress rises
again as strain hardening begins. The Young’s modulus can be
obtained by fitting the linear part of the elastic response (ε e
0.02 in our case) to σ ) EYε. Under tension, at a true strain
rate of 10-4, EY ) 20.9 ( 3.17 and 29.3 ( 2.0 for the pure
polymer and the nanocomposite, respectively. Under compres-
sion, at the same strain rate, EY ) 30.4 ( 0.36 and 33.7 ( 0.54
for the pure polymer and the nanocomposite; both under tension
and compression, the nanocomposite system is stiffer, consistent
with the suppressed strain response observed in the creep
deformations described above.

We measure the dynamics during constant-rate deformations
using the time window approach employed above for creep
deformations. For our lower strain rate (ε̇ ) 10-4), the time
windows have the same length as those employed in creep
deformations (t ) 2000tLJ, which corresponds to a strain of 0.2).
We reduce the size of the time windows by 1 order of magnitude
for the high strain rate deformations. This is necessary because
the total length of the high strain rate deformation simulations
is smaller than one time window for the slower strain rate and
the creep deformations; we again emphasize that this has no
qualitative effect on our results. The results of these calculations
are shown in the insets of Figure 6. It is clear from this figure
that the dynamics are slower for ε e 0.10, which is ap-
proximately where strain hardening sets in; beyond this point,
the dynamics are essentially constant. To further explore the
decrease in mobility at small strains, we calculated τeff using
even smaller time windows for ε e 0.05, and these estimates
of τeff are shown in the main plots of Figure 6. We find that τeff

decreases by over 2 orders of magnitude during the elastic

regime. It is reassuring that these estimates of τeff using smaller
time windows create a smooth curve joining the value of τeff

from the undeformed materials to those estimated from the larger
time windows; this observation gives us confidence that our
time window approach does not significantly alter our results.

Similar to our analysis of the changes in UIS during creep
above, it is of interest to examine how constant-rate deforma-
tions alter the position of the materials on their PEL. Figure 7
plots UIS against strain for both systems and all four constant
strain rate deformations considered here. Prior to the yield point,
UIS increases rapidly; at the yield point, the rate of change of
UIS decreases, although UIS continues to increase throughout
the deformation. The addition of nanoparticles causes only a
small increase in the absolute values of UIS, and the changes in
UIS with deformation are approximately the same in the pure
and the composite systems.

4. Discussion

4.1. Influence of Nanoparticles on Polymer Properties. The
nanoparticles behave primarily as a stiffening agent in the model
polymer considered in this work; this is evident from both the
constant stress and constant strain rate deformation results
presented above. For example, during creep with σ ) 0.59 at a
time of t ) 8000tLJ the pure polymer has deformed to a strain
of 0.41, while the nanocomposite has only deformed to 0.19.
To achieve a similar strain of 0.40 in the same amount of time
in the nanocomposite system, the applied stress must be
increased to 0.65. Similarly, during constant strain rate deforma-
tions the nanoparticles increase the Young’s modulus by ∼50%
in tension and 10% in compression, as discussed above.
Additionally, the nanoparticles increase the yield stress for a
given deformation rate, although the yield strain is approxi-

Figure 4. Inherent structure energy, UIS, as a function of time during
creep deformations for both systems at each of the five applied stresses.

Figure 5. Stress-strain curves for both the pure polymer and the
nanocomposite at two true strain rates in both tension and compression.
The strain rates are indicated in each figure, and error bars are only
shown on every 50 points for clarity.
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mately the same. Interestingly, for a given value of strain rate
the mobility is approximately the same in both materials. This
can be seen clearly from the constant strain rate results in Figure
6 and in Figure 9, discussed below. In addition to stiffening
the polymer matrix, our nanoparticles also slightly swell the
polymer chains; e.g., the radius of gyration increases from 11.2
( 0.1 to 11.5 ( 0.04 up addition of the nanoparticles. Naturally,
we expect that the effects of the nanoparticles to depend on the
strength of the interaction between the polymer and the
nanoparticles.4,5 In this study, we have attempted to create a
neutral nanoparticle akin to experiments using neutral nano-
particles such as cross-linked poly(styrene) spheres dispersed
in a poly(styrene) matrix.3

It is of interest to examine whether the nanoparticles have
any effect on the strain hardening modulus, GR. We measure
GR by replotting the stress response from our constant strain
rate deformations against g(λ), the ideal rubber elasticity factor
defined as g(λ) ) λ2 - 1/λ, where λ ) exp(ε) is the stretching
ratio. Figure 8 shows the stress against g(λ). After strain
softening (g(λ) > 0.5), the stress becomes linear in g(λ). This
behavior is indicative of so-called Gaussian strain hardening,
and the slope of the stress versus g(λ) is the hardening modulus,
GR. We obtain GR by fitting the region of the σ-g(λ) curve
where 0.5 e g(λ) e 2.0; the results are summarized in Table 1.
Generally speaking, the nanoparticles have a minimal effect on
the hardening modulus for a given strain rate, and consistent
with previous simulation studies on pure polymers,28 we find
that GR increases with strain rate; interestingly, GR is ∼60%
larger in compression than in tension at a constant strain rate,
a trend inconsistent with the picture of strain hardening that

arises from entropic rubber elasticity. A recent theory of Chen
and Schweizer27 postulates that strain hardening arises from
anisotropic chain packing, which in turn leads to an increase in
segmental relaxation times. This theory also predicts that GR

should be approximately twice as large in compression than in
tension, consistent with our findings. The increase in segmental
relaxation predicted by Chen and Schweizer at large deformation
is not observed in our simulations (Figure 6); however, that
discrepancy could arise from several sources, such as an
interference between the �-relaxation and the R-relaxation that
is difficult to resolve when we determine τeff.

For a given applied stress, Figure 3 demonstrates that the
relaxation times in both systems can take a range of values
covering nearly an order of magnitude. For example, in the pure
polymer with an applied stress of 0.55, the first measurement
of τeff ≈ 20 000, yet later (at t ) 4500tLJ) τeff ≈ 3000. Such
changes at constant stress and temperature are beyond the
phenomena that can be captured by the Eyring model.25 As
described in the Introduction, the Eyring model does not
consider phenomena such as flow and strain hardening, so it is
not surprising that this model fails to capture the changes in
the relaxation times. Complete details of the fit of our data to
the Eyring model will be presented in a future publication.31

Recent theoretical developments by Chen and Schweizer may
be capable of describing the wide array of changes in τeff with
deformation during both flow and strain hardening.27

4.2. Comparison of the Two Modes of Deformation. In
our previous studies measuring the dynamics of a low molecular
weight polymer during creep, we found a strong correlation
between the instantaneous strain rate and the changes in τeff.

12,13

In those earlier studies, our polymer samples were smaller, and
this led to appreciable variation in the results among different
configurations. Here we are able to observe some of the more
subtle details of the correlation between τeff and strain rate
because the larger configurations in the present study provide a

Figure 6. τeff as a function of strain for both the pure polymer and the
nanocomposite. In both cases, the insets show τeff calculated with
standard time window sizes versus strain for the entire endeformation
(up to |ε| ) 0.8) for both tension (O) and compression (]); the top
pair of lines correspond to deformation at a rate of 10-4 while the
bottom pair corresponds to a rate of 10-3. The main figures enhance
the changes in τeff at low values of strain for tensile deformation, and
the points that lie along the dashed lines were determined using smaller
time windows. The dashed horizontal line in the main figures represent
τeff for an undeformed sample.

Figure 7. Inherent structure energy as a function of strain for the pure
polymer and the nanocomposite during both tensile and compressive
deformations at two different strain rates.
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higher resolution in τeff. Figure 9 shows τeff as a function of the
instantaneous strain rate for both creep and constant strain rate
simulations. Overall, the instantaneous strain rate provides a
strong indicator of the changes in τeff, and τeff exhibits the largest
decreases during periods of high strain rate. This is consistent
with the “shear-thinning” behavior observed in our previous
work.13 However, there are systematic deviations from this trend.
Early in the creep deformations (before the strain rate begins
to decrease at ε ≈ 0.20), the estimates of τeff are systematically
higher for a given strain rate (see the inset to Figure 9); similarly,
τeff is larger in the elastic regime during the constant strain rate
deformations, and the magnitude of the changes in τeff for ε e
0.20 at a constant rate are approximately the same for constant
strain rate and creep deformations. Taken together, these results
indicate that a single mechanical variable (such as the strain
rate) is not uniquely indicative of the dynamics. Note that Figure
9 does not include the estimates of τeff measured from the
smaller time windows employed in Figure 6; including these
points would generate a vertical column from the undeformed
value of τeff to the postyield values of τeff, further emphasizing
the fact that the strain rate does not uniquely dictate the
dynamics.

Interestingly, the nanoparticles appear to have a minimal
effect on the value of τeff for a given value of strain rate. When
deforming at a constant rate, the postyield values of τeff are
approximately the same. This finding is also consistent with
our results from creep deformations where, for a given value
of strain rate, the estimates of τeff are approximately the same
for the pure polymer and the nanocomposite. This leads us to
the conclusion that, for the “standard” model considered in this
work, the nanoparticles merely serve to enhance the mechanical
properties.

In addition to the strain rate, our previous studies have shown
that UIS is strongly correlated to the mobility measured by τeff

during creep.13 We can test the robustness of this correlation
by comparing the changes in UIS with the changes in τeff during
both constant-stress and constant strain rate deformations. Figure
10 shows UIS as a function of τeff measured in the various time
windows during both modes of deformation. For creep deforma-
tions, the data essentially collapse onto a single curve where
log(τeff) decreases as UIS increases. The trends are significantly
different when we deform at a constant strain rate: τeff changes
by a much smaller amount, and it is almost independent of UIS.
The values of τeff obtained from either tensile or compressive
constant strain rate deformations have approximately the same
value, but UIS is significantly different. These results provide a
striking evidence of the fundamental differences between the
two deformation mechanisms considered here, although such
differences could be due to the different strains achieved under
creep or constant rate. All of the constant-rate deformations
proceeded until the strain was |ε| ) 0.8, while the largest strains
reached under creep were only ε ≈ 0.55.

Figure 8. Stress plotted against g(λ) for both the pure polymer and the
nanocomposite at two true strain rates in both tension and compression.
The strain rates are indicated in each figure, and the straight lines are
linear fits to 0.5 e g(λ) e 2.0.

Table 1. Values of GR for the Pure Polymer and the Polymer
Nanocomposite at Each Strain Rate and during Both Tension

and Compressiona

system ε̇ ) -10-3 ε̇ ) -10-4 ε̇ ) 10-3 ε̇ ) 10-4

pure polymer 0.312 0.204 0.189 0.121
nanocomposite 0.310 0.230 0.199 0.137

a The uncertainty on each value of GR is 0.01 or less.

Figure 9. τeff plotted against the instantaneous strain rate measured
during each time window for the creep deformations (O) of the pure
polymer and the nanocomposite. Additionally, τeff as obtained during
the constant strain rate deformations in both tension and compression
is shown (]). The dashed horizontal line represents τeff for the
undeformed samples. The inset on the pure polymer figure shows all
of the values of τeff and strain rate taken from one creep deformation
with σ ) 0.59, and the solid line connects the points in time. The first
and last data points are indicated in the inset.
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4.3. Dynamic Heterogeneity. When we fit Cb(t) in each time
window we obtain the KWW stretching exponent � along with
τeff. The exponent � can be qualitatively correlated with the
fragility of glass-forming materials39,40 and is often interpreted
as a measure of the dynamic heterogeneity that arises in
supercooled liquids. Typically � increases toward unity as the
temperature is increased from Tg to TA, the temperature where
the dynamic properties (e.g., R-relaxation time and the diffu-
sivity) exhibit an Arrhenius temperature dependence. Experi-
ments indicate that � should increase toward unity as τeff

decreases, and it is of interest to examine whether our simula-
tions can reproduce this trend. The changes in � during creep
deformations are shown in Figure 11, and the changes during
constant rate deformations are in given in Figure 12. In all cases,
� is higher during deformation than at rest, indicating that
deformation leads to a decrease in the dynamic heterogeneity
and a homogeneization of the material. During creep deforma-
tions, � is only weakly correlated with the instantaneous strain
rate, and no strong trend in relation to the mechanical features
of Figure 1 can be discerned. For the constant strain rate
deformations, we see in Figure 12 that there is not one value of
� for a given strain rate, even though τeff is approximately
constant after yield (see Figure 6) for a given strain rate. Initially,
� begins at a value much larger than its value at rest and
decreases during the elastic regime. The rate of decrease then
slows down for all applied strain rates before � continues to
slowly decrease as the deformation proceeds. This complex
dependence of � on the deformation protocol is still under
investigation.

While the value of � obtained from fitting to the KWW
equation provides some insight into the dynamic heterogeneity
present in each system, difficulties arise due to the uncertainty
of our calculations as well as the limited range that � is expected
to cover in simulations. We do not expect � to be larger than
unity, and our undeformed value of � is 0.76 ( 0.05. We
therefore turn to other measures of the dynamic heterogeneity

by calculating the self-part of the van Hove correlation function,
GS(r,δt). GS(r,δt) measures the probability that a particle has
moved a distance r after time δt, provided that it was at the
origin when δt ) 0. For values of δt where the motion of a
material is diffusive, GS(r,δt) can be described by a Gaussian.
For supercooled liquids on intermediate time scales (before
diffusive motion sets in), GS(r,δt) exhibits significant departures
from Gaussian behavior.41,42 For simplicity, we only focus on
GS(r,δt) as calculated from the constant strain rate deformations.

Figure 13 shows how GS(r,δt) changes during our constant
strain rate deformations in both systems during the elastic
regime, strain softening, and strain hardening. The strain
softening and hardening regimes both have approximately the
same distribution of particle displacements, and this distribution
is similar to a Gaussian distribution with an enhanced “shoulder”
for large r. During the elastic regime, the overall distribution
of displacements is shifted to smaller r, and the shoulder on
the distribution is more pronounced; while most of the particles
have only been displaced by a small amount, there is a clear
subset of particles that have moved approximately twice as far.
These particles are likely involved in the so-called “plastic
events” that occur prior to yield in many glass-forming
systems.43-46 There are no qualitative differences between the
pure polymer and the nanocomposite. This is expected given
the similarity in the values of τeff obtained for the two systems
when we deform at a constant strain rate.

5. Summary

In this study, we have performed extensive Monte Carlo and
nonequilibrium molecular dynamics simulations of a glassy
polymer and a polymer nanocomposite, extending our previous
work in several key areas. We have examined the creep response
of these materials and the corresponding stress-strain curves
during both compression and tensile deformations. It is found
that nanoparticles stiffen the polymer, leading to higher elastic
moduli and a suppression of the creep response. Beyond those

Figure 10. τeff plotted against UIS for both systems, where τeff is obtained
during the creep deformations (O), tensile deformations at a constant
strain rate (]), and compressive deformations at a constant rate (0).

Figure 11. KWW stretching exponent � as a function of time during
the creep deformations for three of the applied stresses for both the
pure polymer and the nanocomposite.
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effects, for the standard composite model adopted in this work,
the composite and the polymer behave in surprisingly similar
manners. For both the pure polymer and the composite the
deformation imparts a significant (over 2 orders of magnitude
in some cases) change to the relaxation times. In general, the
relaxation time is correlated with the instantaneous strain rate,
although there are systematic deviations from this trend. No
single mechanical variable is capable of capturing the changes
of the relaxation time with deformation. Additionally, we have
explored the extent to which a material’s position on its potential
energy landscape can indicate the dynamics and found that this
correlation breaks down during deformation at a constant strain
rate.
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